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Correlation between microstructure and
mechanical behaviour at high temperatures of
a SiC fibre with a low oxygen content (Hi–Nicalon)
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An oxygen free Si—C fibre has been studied in terms of the chemical, structural and

mechanical properties produced as a function of annealing treatments. In spite of its high

thermal stability with regard to a Si—C—O fibre the Si—C fibre was subject to moderate SiC

grain growth, organization of the free carbon phase and densification within the temperature

range 1200—1400°C. The strength reduction at ambient for temperatures )1600 °C could

possibly be due to SiC coarsening or superficial degradation. Bend stress relaxation (BSR)

and tensile creep tests show that the as-received fibre undergoes a viscous flow from

1000 °C. The thermal dependance of the creep strain rate strongly increases at temperatures

*1300 °C. This feature might be partly explained by the structural evolution of the fibre

occurring above this temperature. Heat treated fibres (1400—1600 °C) exhibit a much better

creep strength, probably due to their improved structural organization.
1. Introduction
Composite materials for application in severe condi-
tions (high temperature, high loading and long dura-
tion), require fibrous reinforcements with excellent
mechanical properties, chemical and structural stabil-
ity and oxidation resistance at high temperatures
[1—4].

Carbon fibres exhibit high stiffness (E), fracture
strength (rR) and creep resistance at high temper-
atures under an inert atmosphere [5, 6], but they are
highly sensitive to oxidation at a temperature as low
as 450 °C [6, 7]. Oxide fibres such as alumina, zirconia
and more recently Yttrium Aluminium Garnet (YAG)
are thermally stable under an oxidizing atmosphere,
but they have a poor creep resistance at high temper-
atures [8—10]. Silicon carbide is one of the best mater-
ials for the reinforcement of Ceramic mature com-
posites (CMCs). In fact, SiC has excellent mechanical
properties at high temperatures (rR, E, creep resist-
ance) [1—3] coupled with a rather good oxidation
resistance [1—4, 11, 12].

Yajima et al. were the first to prepare SiC-based
fibres with a small diameter (dB14 lm) (i.e., that were
weavable). The preparation of the fibres involved the
spinning of molten polycarbosilane (PCS), the curing
of the green filaments in an oxidizing atmosphere and
pyrolysis in an inert atmosphere [13, 14]. Such fibres
are available under the trade name Nicalon. Unfortu-
nately a lack of stability limits their use to temper-
atures below 1200 °C which is due to their chemical

composition and structure. The fibre consists of b-SiC

0022—2461 ( 1997 Chapman & Hall
nanocrystals (of size \2 nm) as well as free carbon in
the form of basic structural units (BSU: turbostratic
stacks of 2—3 aromatic carbon layers of about 10
cycles) which are embedded within an intergranular
amorphous material (SiC

9
O

:
) [15—17]. The silicon

oxycarbide phase undergoes decomposition at about
1200 °C with an evolution of carbon and silicon mon-
oxides, an oxidation of free carbon and a crystallisa-
tion of the b-SiC phase [18—21]. The decomposition of
the fibre results in a significant reduction in the mech-
anical properties (rR, E) [22, 23]. On the other hand,
the oxycarbide phase which is a compliant material, is
also responsible for the low creep resistance of Si—C—O
fibre [24, 25].

Okamura et al. have developed a physical curing
process using electron beam irradiation under an inert
atmosphere. The cross-linking of the polymeric frame-
work is thus achieved according to the homolytic
ruptures of the side chain functions and the combina-
tion of radicals into a three dimensional PCS struc-
ture, which is accompanied by an evolution of gaseous
species (H

2
, CH

4
) [26]. The advantage of this process

is that it does not introduce oxygen. As a consequence,
the Si—C fibres are reported to be much more heat-
resistant than the Si—C—O fibres [26—28]. The
nanotexture of this experimental fibre is apparently
simpler than that of the Si—C—O fibre being mostly
composed of b-SiC nanocrystals and free carbon
[29, 30].

The aim of the present work is to characterize the

mechanical behaviour of such fibres at high temper-
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atures, especially after heat treatments at increasing
temperatures (¹

1
). Correlations between (i) the chem-

ical and structural change as a function of ¹
1

and (ii)
the mechanical properties at high temperatures have
also been established. In addition simple mechanisms
are suggested to explain the mechanical behaviour of
the fibres as a function of the testing temperature.

2. Experimental procedure
2.1. Annealing treatments
The annealing treatments were performed with a high-
temperature rig consisting of a graphite crucible
heated with a radio frequency coil that has been de-
scribed elsewhere [30]. The samples were rapidly
heated (30 °Cmin~1) and maintained at the annealing
temperature ¹

1
(1200(¹

1
(2000 °C) under a high-

purity argon atmosphere (100 kPa) during a time
t
1

(1h(t
1
(10h). The argon used was grade N56

from Alphagaz.

2.2. Physical, chemical and structural
analyses

The elemental analysis of the fibres was performed
using electron probe microanalysis (EPMA). The sili-
con, carbon and oxygen atomic percentage were deter-
mined in the wavelength dispersion (WDS) mode by
mean of a thallium acid phthalate (TAP) crystal for
Si—Ka and a pseudo-crystal PC2 multilayer crystal for
C—Ka and O—Ka. Chemical standards assumed to be
stoichiometric were used for calibration: SiC (for sili-
con and carbon) and SiO

2
(for oxygen). The chemical

analysis of the as-received fibres was also investigated
by usual elemental analysis techniques at the Service
Central d’Analyse at CNRS, Vernaison, France.

The morphology of the creep tested fibres were
studied by scanning electron microscopy (SEM) using
a JEOL 8405 microscope. The structure of the mono-
filaments was studied at the nanometer scale by high
resolution transmission electron microscopy (TEM)
using a Philips EM400 microscope. The samples were
prepared according to the following procedure: the
fibres were embedded in an epoxy resin which was cut
into thin foils with an ultramicrotom. The TEM ana-
lyses were performed in the bright field (BF), dark field
(DF), lattice fringe (LF) and selected area diffraction
(SAD) modes.

The X-ray diffraction (XRD) spectra were recorded
on a SIEMENS D5000 diffractometer using (Cu—Ka)
radiation and data were measured on a tow of fibres
which had been successively heat-treated at increasing
temperatures. The apparent mean grain size (¸) of the
b-SiC crystalline phase present in the samples was
calculated from the width (D) of the (1 1 1) diffraction
peak at mid-height, according to the following equa-
tion:

¸ "

Kk

D .cos h
(1)

where K is a constant (taken as 1), k the Cu—Ka

wavelength (i.e., k"0.154 nm) and h the Bragg angle

(h"17.8° for b-SiC (1 1 1)).
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The density of the samples was measured using
helium-pycnometry on filament tows using an Ac-
cupyc 1330 from Micromeretics.

The thermal stability of the fibres was studied by
thermogravimetric analysis (TGA) under an inert at-
mosphere, using a TAG 24 from Setaram. Experi-
ments were performed on 100 mg samples held in
a graphite crucible that was progressively heated at
a rate of 10 °C per min to 1800 °C, under flowing high
purity argon at a pressure of 100 KPa and a flow rate
of 1Lh~1.

2.3. Mechanical tests at high temperatures
2.3.1. Bend stress relaxation tests (BSR)
Previous studies on the thermal behaviour of ceramic
fibres have shown that a bend stress relaxation test is
a simple and efficient method to compare the creep
resistance of several fibres and in some cases to evalu-
ate the temperature and time dependence [31, 32].

A bending stress is applied to the fibre (which is
initially perfectly straight) with a given and constant
curvature R

0
and the fibre is then heat treated. After

cooling, relaxation results in a residual curvature
R with R*R

0
. The stress relaxation can be quantified

in terms of the parameter m which is defined as:

m " 1!
R

0
R

(2)

For a given temperature and duration, heat resistant
fibres are characterized by m values close to m"1
(RAR

0
) while m is close to m"0 (R+R

0
) for com-

pliant fibres.

2.3.2. Creep tests at high temperature under
argon

The creep tests were carried-out on single fibre sam-
ples of about 160 mm in length. The ends of the
filament were glued onto alumina rods with a refrac-
tory cement. Its diameter was measured by laser inter-
ferometry. In order to minimize the variations of the
applied stress along the fibre, only fibres with a con-
stant diameter within the tested length have been
submitted to creep tests. The creep apparatus, de-
signed by R. Bodet et al. has been described elsewhere
[25, 29]. The fibre is held at the bottom of the creep
apparatus and connected to the extremity of an hori-
zontal lever (Fig. 1). The other end of the lever is
locked to the axis of an inductive displacement trans-
ducer, which records the elongation of the fibre. The
system is equilibrated and the load (which is cal-
culated from the desired stress and the diameter of the
fibre) is applied in the axis of the fibre.

In addition, some modifications have been imple-
mented in order to improve the true creep elongation
recording: an externally controlled air tight transla-
tion system allows the application or the release of the
load. The stress can thus be applied immediately that
the testing temperature is achieved.

The chamber is first evacuated with a turbomolecu-

lar pump. When a good enough vacuum is achieved



Figure 1 Creep testing apparatus for monofilaments (from [25]).

(P)10~5 Pa), the chamber is filled with high purity
argon (P"105 Pa). The fibre is then heated with
a radio frequency furnace whose susceptor is a graph-
ite cylindrical tube set around the fibre. Thermal pro-
files were recorded along the axis of the fibre for
several testing temperatures (¹

5
) (Fig. 2). The heating

rate was high (70 °Cmin~1) and the stress was applied
immediately after ¹

5
was achieved, in order to avoid

a structural evolution or a prior creep deformation of
the fibre during heating.

The tests were performed in the range
1000(¹

5
(1600 °C and 0.5)r)1 GPa. Two

kinds of tests have been performed: (i) classical creep
tests involving a fast heating at ¹

5
and a temperature

plateau up to the rupture of the fibre (Fig. 3a) and (ii)
creep tests involving a series of plateau at increasing
¹

5
values, recorded on the same fibre (Fig. 3b). For the

latter tests, the duration of each temperature plateau
was chosen in order to record, for each ¹

5
value, the

steady state creep strain. The main advantage of these
tests is that the variations of the creep rate with ¹

5
can

be investigated for a given fibre and stress.

2.3.3. Tensile tests at high temperature
Tensile tests at high temperatures (¹)1450 °C) in air
have been performed in order to characterize the
strength and stiffness of the fibres as a function of
temperature (¹

5
). Considering the short duration of

the test (the fibre is tensile-tested immediately after the
testing temperature is achieved, i.e., 1—2 min), the
oxidation and the annealing of the fibres are not
thought to strongly affect the mechanical properties of
the fibre.

A tensile testing method using ‘‘hot grips’’ has two
potential disadvantages: (i) a chemical reaction be-
tween the cement and the fibre that might result in
a decrease of the fibre strength and (ii) the creep

deformation of the cement which alters the recording
Figure 2 Temperature profiles along the fibre axis for creep tests, as
a function of testing temperature ¹

5
(temperatures ¹ (K); (n) 1473,

(h) 1573 and (e) 1673).

Figure 3 Elongation curves of the fibre as a function of temperature,
time and applied stress, (a) the stress is applied during heating, (b)
the stress is applied when the testing temperature (¹

5
) is just raised.

of the fibre deformation. As a consequence, a cold grip
tensile testing system has been preferred in this work.

The testing apparatus used for the tests is that
developed by Villeneuve et al. [33] with the exception
of the heating system. The fibres are heated with
a platinum-resistance furnace, maintained at the test-
ing temperature ¹

5
that surrounds the fibre when

mounted on the tensile apparatus (Fig. 4). The end the
fibres were glued to the grips (small alumina rods) with

a refractory cement. The total gauge length ¸

0
was
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Figure 4 Tensile testing apparatus for monofilaments.

Figure 5 Temperature profiles along the fibre axis for tensile tests,
as a function of testing temperatures of (r) 200 °C, (h) 500 °C, (j)
1000 °C, (s) 1100 °C, (d) 1200 °C, (n) 1300 °C and (m) 1400 °C.

about 200 mm so that the grips remained outside the
furnace, and thus stayed cool. In the creep tests, ther-
mal profiles were recorded for several testing temper-
atures (Fig. 5). The elongation rate was 1 mmmin~1.

3. Results and discussion
3.1. Chemical and structural properties of

the as-received and heat-treated fibres
The chemical and structural characterization of the
fibres of both the as-received and heat treated states,
has been published elsewhere [30]. Only the main
conclusions will be recalled here for the purpose of the
discussion.

The chemical analysis of the fibres by EPMA shows
that the chemical composition is almost unchanged
after a heat-treatment under argon at temperatures up
to 1800 °C. It is closed to: Si : 41.0 at %; C : 58.1 at
% and O : 0.9 at %. The Hi-Nicalon fibre has a very
low oxygen content and an excess of free carbon (B17
at %). As a result of the very low oxygen content
(almost nil), this fibre can be considered as a SiC#C
mixture which is known to be thermodynamically
stable up to B2500 °C (the SiC decomposition tem-

perature into Si

(1)
and C

(4)
). A slight decomposition
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Figure 6 Lattice fringe imaging of (a) as-received Hi-Nicalon fibre

nevertheless takes place at very high temperatures,
resulting in a silicon depletion of the fibre, initially at
the surface (¹

1
"1600 °C) and then gradually reaching

into the core (¹
1
*2000 °C). This feature is consistent

with the occurrence of a pressure of gaseous silicon
that has been detected by a Knudsen mass spectro-
scopic study on SiC#C mixtures [34]. It could also
be related to an active oxidation phenomenon, due to
the occurrence of traces of residual oxygen in the
annealing furnace atmosphere or resulting from the
decomposition of the fibre into traces of gaseous sili-
con monoxide (SiO

(')
).

In the as-received state, the Hi-Nicalon fibre con-
sists of b-SiC crystals ranging in size from 2—15 nm, as
compared to the 1—4 nm reported for the Si—C—O fibre
[15, 17]. The free carbon is also better organized in the
Si—C fibre than in the Si—C—O fibre. The carbon layers
are about 2—3 nm long throughout the fibre and the
number of stacks is commonly 5—8 (Fig. 6a). The car-
bon domains form an intergranular network and are
frequently observed to sit flat on SiC crystals forming
open cages. After a ¹

1
"1400 °C heat-treatment,

a slight SiC grain growth is observed. The crystal now
reaches a maximum size of 18—25 nm. More punc-
tuated b-SiC rings are observed on the SAD pattern,
indicating the presence of larger-size crystals. Stacking
faults are also observed and in addition joined-crystals
are sometimes noticed. The free carbon is also better
organized than in the as-received fibre. The number of
stacks is nearly the same whereas the extent
and (b) annealed 1 h at ¹
1
"1600 °C under argon.



Figure 7 b-SiC crystallites apparent size and density of Hi-Nicalon
fibres as a function of annealing temperature under argon (100 kPa)
for (h) L111 (1 h), (n) L220 (1 h), (s) L311 (1 h), (j) L111 (10 h), (m)

of the carbon layers is slightly larger (L
!
"3—6 nm).

For ¹
1
"1600 °C, the maximum SiC grain size

reaches B 50 nm and joined crystals are more fre-
quently observed. The organization of free carbon
continues to improve (Fig. 6b). The number of stacks
increases, reaching N"7—12, as well as the extent of
the carbon domains (¸

!
), with ¸

!
"5—10 nm.

An XRD pattern of the as-received Hi-Nicalon fibre
shows three main peaks assigned to the (1 1 1), (2 2 0)
and (3 1 1) Bragg reflections of the b-SiC phase. The
b-SiC grain size calculated from the Scherrer equation
is about 5 nm. Despite the evidence of free carbon, no
peak assigned to turbostratic carbon could be ob-
served in the pattern. The grain size is about 10 nm for
¹

1
"1600 °C (t

1
"1h) and 20 nm for ¹

1
"2000 °C.

An increase of the annealing treatment duration (t
1
)

also results in a SiC coarsening (Fig. 7).
The nanotexture of the Hi-Nicalon fibre is thus very

different from that of the Si—C—O fibre. b-SiC crystals
are larger and the free carbon phase is better organ-
ized. Free carbon can be described as a discontinuous
intergranular network in the Si—C fibre whereas it was
observed as isolated BSU’s embedded into the SiO

9
C

:
continuum in the Si—C—O fibre. Heat treatments at
increasing temperature (¹

1
) result in a gradual SiC

crystal growth as well as a better organization of the
L220 (10 h) and (d) L311 (10 h).
Figure 8 Stress relaxation ratio versus reciprocal pyrolysis temper-
ature (100 kPa, t

p
"1 h) (s) Nicalon NL202 from our work (L)

NL202 from Tressler et al. ( ) Hi-Nicalon as received and (m)

free carbon phase. The structural and textural evolu-
tion with ¹

1
nevertheless remains moderate with re-

spect to that of the Si—C—O fibre [17—20], and displays
a much better thermal stability.

The higher value of density of the Si—C fibre with
respect to the Si—C—O fibre (respectively 2.77 g cm~3

and 2.56 g cm~3), can be assigned to the absence of the
SiO

9
C

:
phase (a low density material) and to the better

crystalline state of both the SiC and free carbon
phases. Annealing treatments at increasing temper-
atures result in a densification of the fibres (Fig. 7).
The density increase starts at about 1400 °C and pro-
gressively improves as both the temperature and hold
duration are raised.

TGA experiments have shown that there is no
weight change up to 1200 °C and that a slight weight
loss occurs between 1200—1400 °C. Beyond 1600 °C,
the decomposition rate gradually increases up to
1800 °C. The progressive weight-loss occurring at
high temperature ('1600 °C) is a consequence of the
decomposition of the fibre, resulting in a silicon
depletion, as has already been shown by chemical
analysis.

3.2. Mechanical behaviour at high
temperature of the as-received and
heat-treated fibres

3.2.1. Bend stress relaxation tests
3.2.1.1. The as-received fibre. The evolution of the
m parameter as a function of ¹

1
for Si—C—O fibres

(Nicalon NL202), as received and heat-treated Hi-
Nicalon fibres (1600 °C/1h/Ar) is shown in Fig. 8. The
results obtained for the Si—C—O fibres are in good
agreement with those reported by other authors [32].
A residual strain is observed after BSR testing at
a temperature as low as 1100 °C for the Hi-Nicalon
fibres. The Si—C fibre has a better thermal behaviour
from the BSR resistance point of view than does the
Hi-Nicalon heat treated 1600/1 h/Ar.
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Si—C—O fibre since that, for a given heat treatment, the
residual strain recorded for the Si—C fibres remains
lower than for a Si—C—O fibre. The degradation of the
mechanical properties of the Si—C—O fibre at high
temperatures is attributed to the presence of the
silicon oxycarbide phase which surrounds the SiC
crystals. When submitted to strain or stress, this
amorphous phase undergoes viscous flow at a rela-
tively low temperature (*1000 °C), and, as a conse-
quence, is subject to creep strain and stress relaxation.
The large decrease of the oxygen content and thus of
the amorphous SiO

9
C

:
phase, results in an improved

stress relaxation resistance at high temperatures. In
fact, with respect to the Si—C—O fibre, the thermal
behaviour of the stress relaxation parameter (m) for
the Hi-Nicalon fibre is improved by 150 °C.

3.2.1.2. The fibre heat-treated for 1h at 1600 °C. A
previous heat-treatment clearly improves the BSR
thermal resistance of the fibre (Fig. 8) by about 200 °C,
with respect to the as-received fibre. The structural
evolution of the fibre which has been described in
Section 3.1 (crystallization of the SiC phase, organiza-
tion of free carbon and densification of the fibre)
strongly affects the fibres capacity for flowing in a vis-
cous manner when it is strained at a high temperature.

The influence of time and initial strain has not been
studied in the present work. It should be noted that
the BSR test is not a fully satisfactory method for
characterizing the creep behaviour of ceramic fibres.
The maximum strain level which is applied to the fibre
is very low and the mechanisms responsible for the
visco-elastic flow during the test are probably those
involved for primary creep, rather than for steady
state creep in a classical tensile creep test (see section
3.2.2). As a consequence, in the present work, the BSR
test must be considered only as a qualitative and
comparative thermal analysis of the fibre.

3.2.2. Creep tests
3.2.2.1. The as-received fibre. The measurement sys-
tem allows a brief application of a stress on to the fibre
which is maintained at the testing temperature, and it
allows measurement of (i) the elastic strain, (ii) the
primary creep strain and (iii) the steady-state creep
strain (if any), up to rupture (Fig. 3b). If the stress is
applied before the testing temperature is achieved,
a strain can be recorded during heating. This
may result in an under-estimation in the creep
strain measurement, especially for high temperatures
(¹

5
*1400 °C) (Fig. 3a).
The elongation measurements as a function of time

for a given stress of r"1GPa and for testing temper-
atures ranging between 1200—1600 °C are shown in
Fig. 9. Generally speaking, an increase in the testing
temperature results in a larger elongation rate and
a decrease of time to rupture. A steady state creep
domain (stationary elongation rate) is always ob-
served for ¹

5
)1400 °C. For higher testing temper-

atures (¹*1500 °C) the elongation rate continuously

5

decreases up to the rupture.
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Figure 9 Elongation and calculated strain versus time for Hi-
Nicalon fibres, as a function of testing temperature ¹

5
. The applied

stress is 1 GPa.

The fibres that were submitted to a series of plateau
at increasing ¹

5
values also show a primary and sec-

ondary creep behaviour up to ¹
5
"1350 °C (Fig. 10).

Corresponding elongation rates have been determined
beyond ¹

5
"1000 °C for r"1 GPa and beyond

¹
5
"1300 °C for r"0.5 GPa. The thus obtained

values are in good agreement with those determined
according to classical tests. This feature correlates
with the fact that at low temperatures (¹)1350 °C),
the creep history (the prior creep tests at lower temper-
atures) does not affect the elongation rate with respect
to those directly measured with a classical creep test.
On the other hand, for ¹

5
*1400 °C, the steady-state

creep domain is shorter and the elongation rate is
lower than that measured for classical tests. The creep
history would lead, in this case, to a viscosity increase
of the fibre, probably due to microstructural changes
induced by high temperatures and/or stress.

In order to assess the contribution of the temper-
ature to the measured fibre strain (for instance a pos-
sible volume change), similar tests were carried-out
with a very low applied stress (r"0.1 GPa), for
1100)¹

5
)1350 °C (Fig. 10). No strain rate is re-

corded during the isothermal durations except for
¹*1300 °C, where a thermally activated shrinking
5
of the fibre, is observed.



Figure 10 Elongation versus time for Hi-Nicalon fibres, as a func-
tion of applied stress and temperature. The applied stress was
(a) 1 GPa, (b) 0.5 GPa and (c) 0.1 GPa.

Interrupted creep tests were also performed, these
consisted of a cyclic loading (alternations of r"0.1
and r"1 GPa), for ¹

5
"1400 °C. As is shown in

Fig. 11, the deformation of the fibre includes success-
ively: (i) the first-loading elastic strain, (ii) the constant
loading creep curve (including primary and steady
state domains), (iii) the first-unloading elastic strain,
(iv) the time-dependant recovery, (v) the second-load-
ing elastic strain, etc. One should note that, the first-
loading elastic strain is larger than the following
recorded elastic strains (whether loading or unload-
ing), which is consistent with a stress-induced stiffen-
ing of the fibre. However, after creep deformation and
unloading, the recovery domains are incomplete
which results in a permanent deformation of the fibre.
These characteristics suggest a visco-plastic strain of
the fibre (steady-state creep domain and permanent
deformation) as well as a visco-elastic component (re-
covery).

For constant testing temperatures and a given ap-
plied stress of r"1 GPa, the steady state creep elon-
gation rate (*¸

0T
), plotted in an Arrhenius diagram

(Fig. 12) shows two distinct linear domains, corres-

ponding to two different apparent activation energies
Figure 11 Creep cycling tests: elongation curves of the fibre as
a function of temperature, time and applied stress.

Figure 12 Steady state elongation rate as function of reciprocal
testing temperature and calculated strain rate temperature depend-
ence of as-received (s; d) and annealed (1600 °C/1 h/Ar)(*) Hi-
Nicalon fibres. The solid circles represent a single ¹

5
dwell and the

empty circles an increasing ¹
5
dwell.

(Q
!1

and Q@
!1

). For 1000)¹
5
)1250 °C, Q

!1
is equal

to 220 kJmol~1 while for 1250 °C)¹
5
)1400 °C,

the phenomenon is far more sensible to the temper-
ature effect (Q@

!1
"680 kJ mol~1).

The steady-state creep elongation rate values have
been used to infer (i) the true activation energy (Q) for

the creep mechanism, (ii) the effective gauge length
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Figure 13 Annealing effect on the strain of Hi-Nicalon fibres. Pre-
treatment under argon (100 kPa), ¹ "1400—1600 °C, t " 1 h.

(¸
OT

) for each ¹
5
value, and (iii) the steady-state creep

strain rate e
oT

(see Appendix I) (Fig. 12). In addition,
the complete creep curves e

T
"f (t)), including both

primary and secondary creep domains have been cal-
culated from the elongation curves and the ¸

OT
values

(Fig. 9).
The activation energy, inferred from the thermal

variations of the steady-state creep strain rate for an
applied stress of 1 GPa, are respectively:

Q"220$17 kJmol~1 for 1000)¹
5
)1250 °C

Q@"700$30 kJmol~1 for 1250)¹
5
)1400 °C.

3.2.2.2. Heat treated fibres under argon. The creep
behaviour of heat treated fibres under argon at tem-
peratures of (1400 and 1600 °C) have also been charac-
terized. The creep curves for the as-received and heat
treated fibres are shown in Fig. 13, for a testing tem-
perature of 1400 °C and an applied stress r"1 GPa.

Similarly to the as-received fibres, all the creep
curves contain a steady state creep domain, whatever
the heat-treatment temperature. It is clear that the
steady state creep strain rate decreases when ¹

1
is

increased. The time to rupture of fibres that had been
previously heat-treated at a temperature of 1400 °C is
increased, while it is significantly reduced for a heat
treatment at 1600 °C.

The creep curves for as-received and heat treated
fibres (1600 °C/1 h/Ar) as a function of testing temper-
ature (1200)¹

5
)1500 °C) are shown in Fig. 14, for

an applied stress r"1 GPa. The strain recorded for
heat treated fibres remains considerably smaller than
that of the as received fibre, for all the tested temper-
atures. This is especially true for high temperatures
(¹

5
"1400—1500 °C). It is noteworthy that when

heat-treated at 1600 °C, the fibre exhibits a steady-
state creep domain up to a testing temperature
¹

5
"1500 °C, while the creep rate of the as-received

fibre continuously decreased up to the rupture at that
temperature.
1 1
Creep tests under argon at ¹

5
"1400 °C, the applied stress is 1 GPa.
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Figure 14 Annealing effect upon the strain of Hi-Nicalon fibres and
as received fibres treated under argon (100 kPa), ¹

1
"1600 °C,

t
1
"1 h. Creep tests under argon at ¹

5
"1200—1500 °C, applied

stress is 1 GPa.

From the results obtained for pyrolysed fibres, it is
clear that the annealing treatment induces a marked
stabilization of the mechanical properties, in terms of
creep at high temperatures. The structural and tex-
tural changes that were described in Section 3.1 result
in an increase of the viscosity of the fibre at high
temperatures and, as a consequence, in a decrease of
the creep strain rate, for a given stress and testing
temperature. Furthermore, a previous heat-treatment
also has a structural stabilization effect during the
creep test at high temperature. Unlike the untreated
fibre case, the fibres that were heat-treated at a tem-
perature of 1600 °C are not expected to undergo any
structural change during the test up to ¹

5
"1500 °C.

As a consequence, the steady state creep behaviour
of the heat-treated fibre is still observed for
¹

5
"1500 °C.

3.2.3. High temperature tensile tests
3.2.3.1. The as-received fibre. The tensile strength
(rR) and the Young’s modulus (E) of the as-received
fibre have been determined at ambient under the
same conditions as those for the high temperature

tests (gauge length ¸

0
"200 mm, elongation rate



Figure 15 Stress/elongation curves in air at high temperature for
Hi-Nicalon fibres (cold grips). The conditions were (a) Ambient,
¸
0
"200 mm and v"1 mm per min, (b) 1400 °C in air ¸

0
"

200 mm, v"1 mm per min and (c) 1450 °C in air, ¸ "200 mm,

l"1 mmmin~1). The stress—elongation curves
(Fig. 15a) show typical brittle behaviour. The Young’s
modulus of the fibre is higher than that of the Si—C—O
fibre (280 GPa versus 200 GPa for the Si—C—O fibre).
Despite of the important gauge length, the tensile
strength is relatively high (rR"2500 MPa).

When tested at high temperature (¹
5
"1400 °C),

three main features are noticeable: (i) rR significantly
decreases (Table I), (ii) the stress—elongation curve
shows a marked non-linear behaviour (Fig. 15b) and
(iii) the stiffness of the fibre, measured within the linear
domain for a low elongation state, is also severely
affected by temperature (Fig. 15b). A slight increase in
the testing temperature (¹

5
"1450 °C) emphasises

these three characteristics (Fig. 15c). Furthermore,
a decrease of the elongation rate enhances the appar-
ent visco-plastic behaviour (Fig. 15c). This feature is
0
v"1 mm per min except the trace marked (*) v"0.25 mm per min.
Figure 16 Cycling stress/elongation curves at 1450 °C in air. (a) as
received Hi-Nicalon fibre (insert: residual elongation of the un-
stressed fibre as a function of the number of cycles), (b) annealed
Hi-Nicalon fibre (1600 °C/1 h/Ar). For both fibres ¸ "200 mm

TABLE I Tensile strength at ambient and high temperature in air
for as-received and annealed Hi-Nicalon fibres

As-received 1600/1h/Ar

Ambient ¹
5
"1400 °C ¹

5
"1450 °C ¹

5
"1450 °C

rR(MPa) 2630 1510 1290 1030
Stand. dev. 370 120 230 90
(MPa)

confirmed by cycling tests at ¹
5
"1450 °C (series of

loading—unloading).
Each cycle induces an additional residual elonga-

tion of the unstressed fibre, which rapidly decreases
during the first two cycles up to a constant value
(Fig. 16a). The stiffness of the fibre also varies during
the cycling test. A slight increase of the stiffness is
measured between the first and second cycles (the
stress—elongation ratio is about 5% higher for the
second cycle).

Finally, a ‘‘pseudo’’-stress-relaxation test has been
performed. It consisted of measuring the evolution of
the stress resulting from the fixed elongation state of
the non-isothermal fibre. The marked visco-plastic
0
and v"1 mm per min.
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Figure 17 Stress relaxation curves at 1450 °C in air. (a) as received

behaviour at high temperature is also responsible for
a low stress relaxation resistance (Fig. 17a). The stress
(rB1000 MPa) rapidly vanishes with time (it is re-
duced by 50% for tB400 s).

3.2.3.2. The heat-treated fibre. The stress—elongation
curves for the heat-treated fibres (¹

1
"1400 and

¹
1
"1600 °C) show modified characteristics with re-

spect to the untreated fibre:
(i) when tested under the same conditions, the ten-

sile strength of the fibres annealed at ¹
1
"1400 °C is

slightly higher than that for the as-received fibres,
whilst it strongly decreases for ¹

1
"1600 °C (Fig. 18).

(ii) the visco-plastic behaviour of the as-received
fibre is reduced after annealing at 1400 °C (Fig. 18(a
and b)) and has almost disappeared at ¹

1
"1600 °C

(Fig. 18c), with an elastic behaviour up to the rupture
at ¹

5
"1450 °C.

(iii) the reduction in the stiffness of the fibres at high
temperature is lower for the heat-treated fibres
(Fig. 19).

When performed on a fibre that had been pre-
viously annealed for 1 h at 1600 °C, a cycling test
clearly shows that the fibre has lost its non-linear
mechanical behaviour at ¹

5
"1450 °C (Fig. 16b). Un-

like for the untreated fibre, no significant residual
strain is induced by the stress-cycling, and the
Hi-Nicalon fibre; (b) annealed Hi-Nicalon fibre (1600 °C/1 h/Ar)
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Figure 18 Stress/elongation curves in air at high temperature for
annealed Hi-Nicalon fibres. The conditions used were
¸
0
"200mm, v"1 mm per min (a) Hi-Nicalon as received tested at

1400 °C/air (b) annealed at 1400 °C/1 h/A and tested at 1400 °C/air

stress—elongation curves remain elastic during the
whole test.

A stress-relaxation test performed at 1450 °C also
shows that the visco-plastic behaviour has almost
vanished after a heat treatment at 1600 °C (Fig. 17b).

In order to assess the temperature effect on the
stiffness of the fibres, a series of loading-unloading
tests were carried out on a single fibre at increasing
test temperatures. When the variations of the appar-
ent Young’s modulus (the stress—elongation ratio,
divided by the total gauge length) are plotted as
a function of the testing temperature ¹

5
(Fig. 19), it is

clear that the stiffness of the untreated fibre is slightly
reduced from ¹

5
"800 °C and strongly decreases in

the range 1200)¹
5
)1450 °C. On the other hand,

the stiffness of the heat-treated fibres is less affected
by high ¹

5
values. It slightly decreases between

¹
5
"1000—1300 °C for ¹

1
"1600 °C. A calculation of
2
and (c) annealed at 1600 °C/1h/A

2
and tested at 1450 °C/air.



Figure 19 (a) Stress/elongation ratio and (b) calculated relative
Young’s modulus, as a function of testing temperature for (h)
as-received and (m) heat treated at 1600 °C Hi-Nicalon fibre.

the corrected Young’s modulus, based on the temper-
ature profiles, determined for each ¹

5
value (developed

in Appendix 2) has been performed (Fig. 19). The
corrected Young’s modulus is reduced by almost 45%
at 1400 °C from its value at ambient for the untreated
fibre and is about 35% for ¹

1
"1600 °C.

An analysis of the morphology of the fracture sur-
face of the tensile-tested filaments at high temperature
shows that the oxidation phenomenon which is ex-
pected to occur in air is very limited, due to the
briefness of the test and the rather good oxidation
resistance of the material. In fact, the silica layer for-
med at the surface of the fibre is very thin and, as
a consequence, oxidation is not thought to signifi-
cantly influence the mechanical behaviour at high
temperature.

4. General discussion
The various chemical and structural analyses of the
experimental Si—C fibre have shown that a lowering of
the oxygen content results in a much improved ther-
mal stability [30]. Nevertheless, a slight evolution
with increasing ¹

1
has been shown, which starts to
occur within the range 1200)¹
1
)1400 °C. This
consists of
(i) a crystallization of the b-SiC phase for

¹
1
'1200 °C,
(ii) an organization of the free carbon phase for

¹
1
"1400 °C and
(iii) a densification of the fibre for ¹

1
'1200 °C.

On the other hand, the various mechanical tests have
shown a much better thermal behaviour with respect
to the Si—C—O fibre, in terms of creep, stress relaxa-
tion resistance, and tensile strength at high temper-
ature as it has already been previously reported [29].

Nevertheless, BSR tests have clearly shown that the
fibre was subjected to a viscous flow at a temperature
as low as 1000 °C. In addition, for high stress levels
(1 GPa), primary and steady state creep were meas-
ured for the same testing temperature. Both the creep
and relaxation phenomena were observed to be ther-
mally activated and an unexpected creep strain was
reached (e&B12%) at 1600 °C, with an apparent fibre
necking effect.

The drop in the thermal properties of Si—C—O fibres
(visco-plastic behaviour, stiffness decrease) has already
been reported by other authors [35, 36]. Such behav-
iour is assigned to the compliant amorphous SiO

9
C

:
phase surrounding the SiC crystals. This material is
responsible for the low thermal resistance, as observed
by (i) BSR tests [31, 32], (ii) creep tests [24, 25] and (iii)
tensile tests [35].

Hi-Nicalon fibres contain very little of the amorph-
ous SiO

9
C

:
phase, and as a consequence, it has a much

better creep resistance than the Si—C—O fibres. Despite
its very small oxygen content, creep strain is detec-
ted from a testing temperature as low as 1000 °C. In
this case, the creep mechanism should not be related
to the occurrence of an amorphous intergranular
material.

Hi-Nicalon fibres are mainly composed of SiC
nanocrystals (B76 vol %) with an average size close to
5 nm. These crystals should be interconnected
(with the occurrence of grain boundaries), and/or
separated by the intergranular free carbon phase. The
fibres also contain a secondary intergranular free car-
bon phase (B15 vol%) that forms a continuous
framework between the SiC crystals. The very low
amount of oxygen atoms present may also be bonded
at the surface of SiC crystals through Si—O—Si layers at
the SiC/SiC interfaces (if any) and/or SiC/free carbon
interfaces. In addition, one should consider the cohe-
sion between the different phases and especially the
SiC/free carbon interfaces.

Interrupted creep tests and cycling tests have shown
that Hi-Nicalon fibres have a visco-plastic behaviour
at high temperature. The continuity of the free carbon
phase also produces a plastic behaviour in this mater-
ial at high temperature. If SiC crystals are connected
to each other, then a visco-plastic behaviour of the SiC
phase should also be assumed, possibly produced by
a grain-sliding mechanism. Finally, a weak bonding
between SiC crystals and free carbon could also con-
tribute to the plastic behaviour at high temperature.

Mechanical studies on rayon precursor based fibres
at high temperatures have been performed by Bacon

and Smith [37]. The texture of rayon-based fibres is
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similar to that of the free carbon in the Si—C fibre, i.e.,
a porous material with a density of 1.4 g cm~3, with
a poor crystalline state (with turbostratic domains in
the range of 1—10 nm and 3—4 layer stacks) [41].
Bacon and Smith reported a non-linear mechanical
behaviour of the rayon-based carbon fibre, beginning
at 900 °C that was enhanced with increasing temper-
ature. The plastic behaviour is very marked for
¹

5
B1900 °C which is the maximum treatment temper-

ature achieved during production (HTT). Cycling tests
of the carbon fibre at 1900 °C under an inert atmo-
sphere also revealed a thermal behaviour that is very
close to that of the Si—C fibre for ¹

5
"1450 °C. The

plastic behaviour of the carbon fibres takes place at
a much higher temperature. Nevertheless, the mobility
of the carbon domains that is required for the appar-
ent organization of the free carbon phase of the Si—C
fibre at ¹

1
"1400 °C, should also be responsible for

the drop of the viscosity of the fibre at 1400 °C. Such
a mechanism (rotation, dewrinkling and sliding of the
carbon domains) would be aided by the high porosity
of the material.

Creep deformations of the b-SiC phase should also
be expected, especially if the grains are interconnected.
Intergranular sliding and the blocking of grain asperi-
ties could induce normal stresses between crystals.
The grain sliding and the stress-accommodating pro-
cesses (for example a diffusion mechanism) would be
the controlling parameter for creep. In fact, one could
argue that the activation energy for self-diffusion and
grain boundary diffusion of carbon (E

4$
"841 kJmol~1

and E
'"$

"563 kJmol~1) and silicon (E
4$
"912 kJ

mol~1) in SiC [38, 39] are rather close to the value of
the apparent activation energy for creep in Si—C fibres
(Q@"700 kJ mol~1) for 1250(¹

5
(1400 °C.

Small amounts of oxygen should also promote (i)
solid transport through a diffusion process at the grain
boundary and/or (ii) vapour transport due to SiO

(')
and CO

(')
species. Such phenomena could also ac-

count for the occurrence of plastic deformation.
The very small grain size of the SiC suggests that the

SiC/free carbon interface may play a large role in the
capacity of the Si—C fibre to be subjected to plastic
deformation.

Considering the validity of the mechanism(s) in-
volved for creep, the change of the thermal depend-
ence of the creep strain rate of the fibre (change of the
value of the activation energy at ¹

1
"1250 °C) ap-

pears to be difficult to explain.
With respect to the as-received fibres, notable cha-

nges in the mechanical behaviour of heat treated fibres
were observed: (i) the visco-plastic behaviour is re-
duced for ¹

1
"1400 °C and almost vanished for

¹
1
"1600 °C, (ii) when heat-treated at ¹

1
"1600 °C,

the residual strain or stiffening effect induced by
cycling on the as-received fibre vanishes and (iii) the
decrease of stiffness with testing temperature (¹

5
) be-

comes less significant with increasing annealing tem-
perature.

These mechanical changes are obviously related to
the evolution of the microstructure of the fibre: (i) the
SiC crystal growth with ¹ , (ii) the increase of the free
1
carbon domain size in extension (¸

!
) and thickness

1144
(¸
#
), (iii) their ordering along the surface of SiC grains

and (iv) the densification of the fibre, which is at-
tributed to the free carbon intergranular material.

All these characteristics tend to decrease the pro-
pensity of the fibre to be subject to creep strain,
whatever the effective mechanism involved. Heat
treatments also improve the thermal stability of the
fibre from a structural point of view. In fact, whilst the
steady creep behaviour was only detected for
¹

t
)1400 °C for the as-received fibre, it is still ob-

served for ¹
5
"1500 °C when the fibre has previously

been heat-treated at ¹
1
"1600 °C.

In addition to a thermally-induced plastic behav-
iour, an apparent decrease of the stiffness of the Si—C
fibre was detected at high temperatures (as observed
by tensile tests and interrupted creep tests). This fea-
ture is generally associated with the appearance of
anelastic behaviour at high temperature [35—37]. It
has already been reported at 1200 °C in Si—C—O fibres
by Pysher et al. who assigned this behaviour to the
compliant amorphous SiO

9
C

:
phase [35]. The evolu-

tion of the stiffness of a rayon-based carbon fibre as
a function of temperature is remarkably similar to that
obtained for the Si—C fibre, but it is shifted towards
higher temperatures [37].

The thermal behaviour of a material is generally
strongly related to the nature and the volumetric ratio
of the different constituent phases and also to the
cohesion between those phases.

Only a slight evolution in the Young’s modulus is
reported for polycrystalline silicon carbide within the
studied temperature range (a progressive decrease in
stiffness is observed, reaching 5—10% at 1300 °C) [1].

The thermal behaviour of the Young’s modulus for
pyrolytic carbons strongly depends on the type of
material tested [40—43]. On the one hand, the
Young’s moduli of soft carbons and graphites show (1)
the presence of a maximum at a temperature below
HTT and (2) a general decrease with increasing tem-
perature above HTT. On the other hand, for hard
carbons and glassy carbons a strong decrease above
HTT is observed but no maximum in the elastic
modulus below HTT is recorded.

Due to the nanometer size of the SiC grains within
the fibre, the SiC/free carbon interface may also play
a significant role in the elastic properties at high tem-
perature. The decrease of the stiffness would be more
marked as the bonding strength of the interface
weakens.

5. Conclusion
The present work has shown that a Si—C fibre contain-
ing a very low oxygen content which was expected to
be thermally stable was in fact, subject to a moderate
structural evolution at temperatures above 1300 °C.

It has been shown that for a temperature as low as
¹

5
*1000 °C, a stressed fibre undergoes a viscous

flow. This phenomenon is thermally activated,
especially at ¹

5
*1300 °C (the apparent production

temperature), where an increase in the creep rate tem-
perature dependence is observed. This anomalous

mechanical behaviour may be partly explained by the



structural instability of the fibre within this temper-
ature range.

This is shown by the observation that, when the
fibre is heat treated and, as a consequence, better
organized (with an improved thermal stability), its
visco-plastic behaviour is highly reduced in addition
to its creep resistance at high temperature.

Appendix 1. Calculation of steady state
creep strain and activation
energy from experimental
elongation measurements

During the creep test, the fibre does not experience
a uniform temperature and, consequently, the creep
strain is not constant along the whole tested length. As
a consequence, the elongation recorded during the test
does not result from the strain of an isothermal length.
The calculation of strain (e) from the measured elon-
gation (*¸) is not obvious.

Despite those considerations, the calculation of the
steady state creep strain at a given temperature shall
be investigated. It is based on the temperature profiles
along the fibre axis for each testing temperature
¹ (Fig. 2),

g
T
(x) "

¹ (x)

¹
5

(A1)

and, on the other hand, on the assumption that the
creep strain rate is related to temperature by the Dorn
equation:

e5 " A .expA
!Q

R¹ B (A2)

where A is a pre-exponential parameter, Q the activa-
tion energy for creep, ¹ the absolute temperature and
R the gas constant. If ¹

5
is the testing temperature, the

measured elongation *¸
T5

is equal to the addition of
elemental elongations dl (x):

*¸
T5
"P

L0

0

dl"P
L0

0

e
T5

dx (A3)

where ¸
0
is the fibre length and e

T
is the elongation at

the x axis.
Within the steady state creep domain, deriving

Equation A3, one has:

* Q̧
0T5

"P
L0

0

e5
0T5

dx (A4)

If the temperature profiles along the fibre g
T
(x) is

known for each testing temperature ¹
5
, combining

Equations A2 and A4 one finds:

* Q̧
0T5

"A .P
L0

0

expA
!Q

R¹
5
.g

T
(x)Bdx (A5)

* Q̧
0T5

values are measured for each testing temper-
ature. Conversely, the pre-exponential parameter
A and the activation energy Q are both unknown. To
determine A and Q, it is necessary to optimize their

respective values in order that the calculated elonga-
Figure 20 Temperature dependence of the calculated elongation

tion rates (from Equation A5) are as close as possible
to their experimental values. For instance, Q can be
determined according to the following procedure.
Considering: (i) that the logarithm of the experimental
elongation rates are linearly related to the reciprocal
temperature for 1000)¹

5
)1250 °C (Fig. 12), ac-

cording to the following equation:

ln(* Q̧
0T5

(¹
5
))"a!

Q
!1

R ·¹
5

(A6)

where Q
!1

is the apparent activation energy for the
experimental * Q̧

0T5
thermal variations, and (ii) that for

a given Q value, the logarithm of the calculated elon-
gation rates (from Equation A5) are also linearly re-
lated to the reciprocal temperature (Fig. 20)

ln(* Q̧
0T5

(¹
5
))"b!

Q*

R ·¹
5

(A7)

where Q* is the apparent activation energy for the
calculated *¸

0T5
thermal variations. The activation

energy of steady state creep strain rate Q is the solu-
tion of

Q*(Q)"Q
!1

(A8)

The calculated true activation energy (Q), for
1000)¹

5
)1250 °C, is almost the same that the ex-

perimental apparent activation energy (Q
!1

), deter-
mined from the *¸

0T5
thermal variations, with a value

equal to 220$17 kJ ·mol~1. One should argue that
the assumption used in Equation A2 is not valid for
¹

5
'1250 °C since the creep strain rate apparently

obeys two distinct thermal variations (Fig. 12)
(1000)¹)1250 °C and 1250)¹)1400 °C), asso-
ciated to two activation energies. Under those condi-
tions, the calculation of *¸

0T5
according to Equation

A4 must take into account the assumption of two
successive Dorn equations for creep strain rate:

e5 "A .expA
!Q

R¹ B (A2)
rate as a function of the activation energy (Q).
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for 1000)¹)1250 °C, with Q"220$17 kJ ·mol~1,
and

e5 "A · expA
Q!Q@
R¹*

5
B ·expA

-Q@
R¹B (A9)

for 1250)¹)1400 °C (¹*
5
"1523 K).

Apparent activation energies Q@*(Q@) were derived
from the calculation of *¸

0T5
from Equations A4, A2

and A9, for ¹
5

values ranging 1250)¹
5
)1400 °C

(Fig. 20). The activation energy of steady state creep
strain rate Q@ for 1250)¹)1400 °C, is the solution of

Q@*(Q @)"Q@
!1

(A10)

with Q@
!1
"680 kJ ·mol~1 i.e., Q@"700$30 kJ ·mol~1.

Q and A being determined, the equivalent gauge
length ¸

%T5
(i.e., the isothermal fibre length whose

elongation rate * Q̧
0T5

would be equal to the experi-
mental value) and the steady state creep strains
e5
0T5

can both be calculated. Combining Equations A1
and A4, one has:

¸
%T5

"P
L0

0

expA
!Q

R¹
5
· g

T
(x) B

expA
!Q

R¹
5
B

dx

"P
L0

0

expA
!Q

R¹
5
A1!

1

g
T
(x)BBdx (A11)

and finally:

e5
0T5

"

* Q̧
0T5

¸
%T5

(A12)

Equivalent gauge length values are rather close, what-
ever the testing temperature, as suggested by the g

T
(x)

profiles (Fig. 2). They are of the order of
¸
%T5

"62.5$2.5 mm, for 1000)¹)1400 °C.
It is noteworthy that the assessment of creep strain

is rigorous for stationary creep behaviour. Neverthe-
less, Equation A10 has also been used to determine the
primary creep strain and thus, to plot the whole creep
curves (Figs 9, 13, 14).

Appendix 2. Calculation of the Young’s
modulus of ceramic fibres at
high temperature from tensile
tests with cold grips

(1) Calculation method
During the tensile test with cold grips, the temperature
is not uniform along the fibre (Fig. 5). The temperature
varies from ambient (at the ends) to the testing tem-
perature ¹

%
(in the middle). The total strain of the

fibre, can be considered as the addition of elemental
strains of isothermal lengths *

T%
(¹

*
), whose temper-

ature is ¹
*
"i .d¹ (with d¹ a constant) and whose

Young’s modulus is equal to E(¹ ).
If ¸

0
is the gauge length and E

!
(¹

%
) the apparent

Young’s modulus (the stress/total elongation ratio)
one has:

¸
0 "

T%@dT
+

*
T%

(¹
*
)

(A13)

E
!
(¹

%
)

i/0
E(¹

*
)
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with 0)¹
%
)¹

%.!9
and ¹

*
"i · d¹

E (¹
+
)"

*
(T+)

(¹
+
)

¸
0

E
!
(¹

+
)
!

+~1
+
i/0

*
(T+)

(¹
*
)

E
!
(¹

*
)

(A14)

or

with 0)j)¹
%.!9

/d¹ and ¹
+
"j · d¹.

All the E (¹
+
) values (0)¹

+
)¹

%.!9
) can thus be

recurrently assessed according to Equation A12.
(ii) Calculation of the functions E

!
(¹ ) and *

T%
(¹ )

The function E
!
(¹ ) (0)¹)¹

%.!9
) is inferred from

the interpolation of the experimental curve E
!
"f (¹

%
)

(Fig. 19).
In order to calculate the *

T%
(¹) values with

0(¹(¹
%
(¹

%.!9
, the temperature profile along the

fibre axis is required for each testing temperature
(Fig. 5). For a given d¹ value (here chosen equal to
100 °C), the distribution of the isothermal lengths
*
T%

(¹ ) as a function of ¹
%

can thus be determined.
The E(¹ ) function can be easily inferred from Equa-
tion A12 (Fig. 19). The error of the E(¹ ) value, based
on the experimental E

!
(¹ ) deviations, has been evalu-

ated from Equation A12 (Fig. 19).
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